Through in situ scanning electron microscope microcompression tests, we demonstrated that the strain-rate sensitivity of bodycentered cubic single crystal iron pillars will be reduced by one order when the pillar size was reduced from 1000 to about 200 nm. In addition, size-strengthening exponent exhibited obvious strain-rate dependence. We propose that the observed behavior is a result of the high stresses required to induce curvature bowout of dislocation arms at small sample or grain sizes, which overwhelms the lattice friction stress contribution and diminishes the role played by the mobility difference between edge and screw dislocations.
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The flow stress of BCC metals is well known to be dependent on the strain rate imposed. The activated process underlying this strain-rate sensitivity (m) can be understood as follows [1] [2] [3] [4] [5] [6] [7] [8] [9] [10] : unlike FCC metals in which both screw and edge dislocations have a planar core structure, the screw dislocations in BCC metals have a multi-plane core structure. The resulting difficulty in their slip makes the movement of screw dislocations much slower than edge dislocations and hence the rate-limiting process under normal plastic deformation conditions. However, the strain-rate sensitivity of BCC metals was found to decrease with the reduction in grain size, especially in the ultrafine-grained and nanocrystalline regimes. [1, [11] [12] [13] To understand this trend, Wei et al. [11, 12] used the m ∼ 1/ √ τ scaling relation to explain the grain size effect on m based on the HallPetch-type elevation of the flow stress (τ ) at small grain sizes. More recently, Cheng et al. [2] proposed an alternative explanation. They characterized the type (screw, edge or mixed) and density of the residual dislocations in nanocrystalline Mo prepared through high-pressure *Corresponding author. Emails: zwshan@mail.xjtu.edu.cn, liju@mit.edu, ema@jhu.edu torsion: mixed and edge dislocations were observed to be the predominant types for grains with sizes below ∼ 100 nm. Based on their observation, Cheng et al. [2] proposed that in such grains the motion of edge and mixed dislocations becomes the rate-controlling defect process in plastic deformation, in lieu of screw dislocations. The plasticity processes mediated by edge/mixed dislocation types are believed to have low rate sensitivity such that the effective m observed in nano-grained BCC metals is small. However, we noted that even in the grain size regime where screw dislocations remain populous, m is already much lower than that in large-grained BCC metals. [2, 11] In addition, almost all previous studies of the size dependence of m of BCC metals used polycrystalline materials except the one by Schneider et al. [14] They found that submicron-sized single crystal Mo pillars exhibited strain-rate sensitivity similar to their bulk counterpart. Moreover, compared with the widely studied size-strengthening effect and its underlying mechanism of single crystal BCC metals, [5, 6, [14] [15] [16] [17] [18] [19] [20] [21] much less work have been carried out on m. Recently, we demonstrated through molecular dynamics simulation [19] that very high applied stresses can diminish the velocity difference between screw and edge dislocations in single crystal Mo. As a consequence, BCC Mo behaves more like an FCC metal. This was supported by the fact that when their diameters were reduced below 200 nm or so, single crystal Mo pillars exhibited a higher size-strengthening exponent and mechanical annealing. [19] This prompted us to surmise that the similarities between FCC and BCC metals under high stresses may also manifest in terms of a reduced m, that is, it is the high deformation stress at small sample or grain sizes instead of other factors that cause the reduced m for nanostructured BCC metals, including single crystal BCC metals. In addition, it has been proposed previously that the sample-size-strengthening exponent α of BCC metals increases with a decrease in the 'critical temperature', [17] defined as the temperature above which the strain rate has little effect on the flow stress of BCC metals because screw and edge dislocations have equal mobility. However, as shown in Table 1 , the α for single crystal Mo ranges from 0.29 to 1.0 [5, 6, 16, 18, 19] and that for single crystal Nb is from 0.48 to 1.07. [5, 6, 16] Apparently, just the critical temperature argument cannot rationalize the large scatter of α observed in different BCC metals (Table 1) , neither can it explain the size effect on m.
In this work, we choose BCC Fe single crystals as our model material. The sample was acquired from German Tech Co., Ltd. The dimensions of the as-received iron are 3 mm × 2.5 mm × 0.1 mm. A series of [001]-oriented α-Fe pillars with their free-end diameter D ranging from about 200 to 1030 nm and their lengthto-diameter ratio of about 3:1 were fabricated using focused ion-beam (FIB) micromachining. More details about the sample preparation procedure are described in [19, 22, 23] . In situ compression tests were carried out in the chamber of the same FIB under SEM mode using a Hysitron PI85 PicoIndenter equipped with flat diamond punches, 1 μm in diameter for pillars with sizes smaller than 500 nm and 7 μm in diameter for pillars larger than 500 nm. All tests were performed at room temperature under displacement rate control. The data acquisition rate for the lowest strain rate has been set to be 100 per second but was adjusted to be higher for a higher strain rate to make sure that enough data points were captured. In order to investigate the residual dislocation structure, we used OmniProbe to lift out deformed samples and then thinned them down gradually with FIB to about 100 nm from both sides. After this, a Model 1040 NanoMill (Fischone Inc.) was employed to minimize the FIB-affected layer with an operation voltage of 800 V, with which the surface damage layer thickness can be reduced down to ∼ 2 nm. The final observation was conducted inside a JEOL 2100F TEM under STEM mode which are known to be insensitive to strain contours and able to image dislocations clearly.
Four groups of samples with their nominal diameter of D = 200, 300, 475 and 1000 nm were tested under four different strain rates, ranging fromε = 10 −1 to 10
Regardless of the sample size and the strain rate used, multiple slip bands with obvious shear offsets are always observed after the uniaxial compression test. One typical example is shown in Figure 1 Consistent with the morphology of the deformed pillars, all the engineering stress-strain curves exhibited multiple large load drops (Figure 2 (a) and 2(b)), typical of displacement-controlled compression in single crystal metal pillars. [19, 24] For D = 1000 nm samples, the average flow stress σ increased from about 450 MPa to about 700 MPa when the strain rateε increased from 3.1 × 10 −4 to 2.1 × 10 −1 s −1 (Figure 2(a) ). However, along with the reducing sample size, the strain-rate hardening effect decreases gradually and eventually becomes very small for 200 nm samples (Figure 2(b) ). Note that [19] 1.07 [6] 
1200-200
900-250 1.00 [19] 
200-80
Note: T test = 298 K in our experiment. 200 nm is still much larger than the dislocation-type transition size reported by Cheng et al. [2] In addition, it was interesting to note that regardless of the sample size, the frequency and the amplitude of the load drops (correspond to slip band formation, see Movie S1) decrease with increasing strain rate. The fact that the peak flow stress of D = 1000 nm samples ( ∼ 700 MPa, Figure 2 [16] Ta, [16] V [20] and Nb, [16] the critical temperature of iron is closer to room temperature (for more details, see Table 1 ). Therefore, it is not surprising to see that the α of iron is almost the largest among the aforementioned BCC metals (see Table 1 ).
In order to quantify the strain-rate effect, we chose the flow stress at 10% strain as the reference for each sample. The log-log relationship between the strain rate and the flow stress at 10% strain is plotted in Figure 2(c) . Despite the scatter of the data, a trend that strain-rate sensitivity decreases with decreasing sample size can be seen clearly from the linear fit for each sample size. The strain-rate sensitivity m ≡ ∂ ln σ/∂ lnε, obtained from the slope of each linear fit in Figure 2 (c), decreased more than 10 times, from 0.063 to about 0.0055 when the sample size was reduced from 1000 to 200 nm. The former, that is, m = 0.063, is similar to that observed in bulk α-Fe. [26] Therefore, the sample size effect on m starts when the sample dimension was reduced to ∼ 1000 nm. This trend remains the same if we choose the stresses at 5% strain. We conclude that BCC iron exhibits a strong 'size' effect on m, and this 'size' D can be either the size of grains in a polycrystalline material, or the size of the specimen for a single crystal.
In addition to 'smaller is stronger' (compare Figure 2 (a) and 2(b), for example), we observe that larger samples exhibited a stronger rate dependence (Figure 2(a) ) and smaller samples exhibited a much weaker rate dependence (Figure 2(b) ). As such, the sizestrengthening exponent α measured should be a function of strain rate, rather than remaining constant. Specifically, a lower α is expected at a higher strain rate, and at a fixed lower strain rate the effective α would appear to be higher. This was confirmed by the data plotted in Figure 2 (d): whenε increased from 0.003 to 0.19/s, α decreased from 0.84 to 0.62. This change in α due to strain-rate variations at least partly explain the large scatter of α observed in different BCC metals (Table 1) and should be taken into account in the analysis of sizestrengthening behavior of materials, but has been rarely paid attention to before.
Because of the strong magnetism of iron, we were not able to carry out the compression tests inside TEM under proper imaging conditions. However, we have managed to check the residual dislocation structure of the deformed iron pillars, as shown in Figure 3 . It was found that the residual dislocation structure in the 1000 nm samples is quite different from that of 200 nm samples. For 1000 nm pillar (Figure 3(a) ), a high density of dislocations was found in a heavily deformed zone, whereas only a few dislocations are present in other areas. Figure 3(b) is the magnified STEM image of the area framed in Figure 3(a) . For 200 nm pillar, however, only one residual dislocation can be found in the heavily deformed zone, as indicated by the black arrows (Figure 3(d) ). This agrees well with the expected dislocation escape due to the mechanical annealing phenomena. Because of the single tilt limitation of the TEM holder used, we were not able to identify the type of this dislocation. However, its long and straight feature is the typical characteristics of screw dislocation. In addition, Zhang et al. [27] has carried out in situ TEM compression of single crystal Fe-3%Si pillar. They concluded that during the compression of a pillar with its initial diameter of about 120 nm, screw dislocation dominated the deformation process at high stress level. This finding suggests that for the size range we have tested, screw dislocations may still behave quite differently from edge dislocations during deformation. This is also consistent with the observation by Cheng et al. [2] that edge and mixed dislocations take over only at much smaller grain sizes ( ∼ 80 nm). As such, the reduction in m may not be attributed solely to the change in the type of dominant dislocations.
In the following, we attempt to rationalize the observed size effect on m by considering two contributions to the flow stress. Generally in elemental metals when propagation of existing dislocations controls the flow behavior (nucleation is not limiting), the flow stress has two contributors:
where σ friction is due to intrinsic lattice friction force on a moving dislocation core. In contrast, σ bowout is due to dislocation-obstacle interactions, where the obstacles may be other dislocations (forest dislocation hardening), free surfaces (source truncation hardening [28] ), etc. that impede dislocation line length growth. The magnitude of σ bowout depends on a characteristic distance L between pinning points, which defines a critical curvature through which the dislocations have to squeeze by to propagate. σ friction depends sensitively onε (∝ dislocation velocity) and temperature because of the small activation volumes of double-kink nucleation and kink migration of the dislocation core. σ bowout , as exemplified by the Orowan equation σ bowout ∝ μb/L, is on the other hand microstructural length scale sensitive but less sensitive toε, because of its usually much larger activation volume involved in bowing out through a critical curvature. [29] According to the source truncation hardening [28] interpretation of 'smaller is stronger'
and L is the mobile free-arm length [28] between an internal pinning point and the surface. From Equation (1), then, we can deduce that when L is large, for example when a large single crystal of BCC metal is undergoing stage-1 easy glide, σ friction σ bowout dominates the flow stress, so σ ≈ σ friction . Then, the difficulty is in pushing the long screw segments through the crystal, not in bowing out through the sparse microstructural obstacles. In this regime, one expects a larger m ∼ 0.06 because of the intrinsically small activation volume of σ friction from atomic-scale double kink nucleation and kink migration activation events. On the other hand, as L is being reduced, for example due to microstructural refinement, sample size reduction, etc., σ bowout starts to overwhelm the intrinsic lattice friction, and σ ≈ σ bowout σ friction . In this regime, the difficulty lies in overcoming the critical curvature for dislocation bowout, not in whether and how the dislocation can move after the bowout. Due to the usually larger activation volume of σ bowout , m will sustain a precipitous drop from ∼ 0.06 to ∼ 0.005 at this regime transition from friction-to-bowout controlled, as illustrated in Figure 4 . In this higher stress, bowoutcontrolled regime, the physics that controls σ is not that different from that of FCC pillars, as the bowout formula is not very sensitive to screw or edge form. The distinction in mobility may still exist between screw and edge, but they no longer control σ .
Interestingly, after the friction-to-bowout-controlled transition, as L is further reduced, we expect m to gradually rise again, as the activation volume scales with L to some positive power. [29] In the limit of very small L (a few to tens of nanometers) and σ being a significant fraction of the ideal strength, we expect m can rise up to 0.02-0.05, which is the level expected for surface nucleation [30] (instead of propagation)-controlled flow regime. In nanocrystalline materials, m ∼ 0.02-0.05 level is expected for slip transmission [31] controlled mechanism across grain boundaries with large misorientation angle. When D further shrinks, one may trigger surface diffusion induced Coble creep, with m as large as 1, [32, 33] as illustrated by Figure 4 .
In summary, we have systematically investigated the plastic flow of [001] oriented α-Fe single crystal pillars. Their strength follows the well-established trend of 'smaller is stronger', and the size-strengthening exponent is a function of the strain rate. At the same time, the strain-rate sensitivity decreases by more than 10 times, when the sample diameter decreased from 1000 to 200 nm. Postmortem TEM observation found a high density Figure 4 . Regimes for strain-rate sensitivity based on characteristic microstructural size scales D. Lattice friction-controlled regime (D > ∼ 500 nm): lattice friction of screw dislocation sensitively depends on the strain rate because of small activation volume of kink-pair nucleation and migration, thus a high rate sensitivity is typical of bulk BCC metals. Bowout-controlled regime ( ∼ 500 nm > D > ∼ 100 nm): stress required to bow out a single-arm source overwhelms the lattice friction of screw dislocation, leading to a much smaller rate sensitivity as a result of the large activation volume of single-arm source. Surface/interface-controlled regime (D < ∼ 100 nm): absence of pre-existing dislocations requires nucleation of dislocations from surface/interface, or non-displacive deformation such as creep, both having small activation volume thus a larger rate sensitivity again.
of residual dislocations in the 1000 nm pillars but few dislocations in the 200 nm pillars. Based on our observations, we proposed that the sample/grain size dependence of m observed in nanostructured BCC metals is mainly a result of the relative magnitudes of dislocation lattice friction and curvature bowout stresses. The latter becomes dominant at small sample (or grain) sizes, entailing a transition of the rate-controlling process (and corresponding activation volume) and hence causing the sample-size-dependent m and the rate-dependent sizestrengthening exponent α.
